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Abstract

Al matrix composite materials with 30 vol.% TiC, TiB, and TiC + TiB, ceramic reinforcements were processed in situ via
self-propagating high temperature synthesis (SHS) followed by high pressure consolidation to full density. Non-steady-
state oscillatory motion of the combustion wave was observed during the SHS processing, resulting in a typical layered
structure of the reaction products. The microstructure and phase composition of the materials obtained were studied
using X-ray diffraction, optical microscopy and scanning (SEM) and transmission (TEM) electron microscopy. Very-fine-
scale ceramic particles ranging from tens of nanometers up to 1-2 um were obtained in the Al matrix. Microstructural
analysis of the reaction products showed that the TiB,/Al and (TiB, + TiC)/Al composites contained the Al,Ti phase,
indicating that full conversion of Ti had not been achieved. In the TiC/Al composite a certain amount of Al,C; was
detected. High room and elevated temperature mechanical properties (yield stress, microhardness) were obtained in the
high-pressure-consolidated SHS-processed TiC/Al and TiB,/Al composites, comparable with the best rapidly solidified
Al-base alloys. These high properties were attributed to the high density of the nanoscale ceramic particles and matrix

grain refinement.

1. Introduction

It is now widely recognized that aluminum-base
metal matrix composites (MMCs) have a high potential
for advanced structural applications when high specific
strength and modulus as well as good wear resistance
are important [1-5]. The properties of MMCs are
controlled by the size and volume fraction of the
reinforcement phase as well as by the microstructure
and properties of the matrix~-reinforcement interface:
higher volume fractions of fine, thermally stable
reinforcement yield higher mechanical properties of
the composite. Traditionally, MMCs have been pro-
duced by such processing techniques as powder metal-
lurgy, preform infiltration, spray deposition and
various casting technologies, e.g. squeeze casting, rheo-
casting and compocasting [6-9]. In all the above tech-
niques the reinforcement (usually in particulate form) is
combined with the matrix material (either in molten or
powder form). In this case the scale of the reinforcing
phase is limited by the starting powder size, which is
typically of the order of microns to tens of microns and
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rarely below 1 gm. Studies of aluminum-base MMCs
have been focused on the SiC/Al system mainly
because of the availability and relatively low cost of SiC
fibers, whiskers and particulates [7, 10, 11]. In spite of
the rather high strength and modulus achieved, these
composites have the problem of SiC-Al interaction at
elevated temperatures, resulting in degradation of the
matrix-reinforcement interface and deterioration of
the mechanical properties.

In the last decade new in situ fabrication tech-
nologies for processing metal and ceramic composites
have emerged. In situ techniques involve a chemical
reaction resulting in the formation of a very fine, ther-
modynamically stable reinforcing ceramic phase during
processing. Some of these technologies include
DIMOX™, XD™, reactive gas infiltration and high
temperature self-propagating synthesis (SHS) [6,
12-15]. Both TiC/Al and TiB,/Al composites and
composite powders with up to 40 vol.% of fine (1 um or
less) reinforcement were reported to have been
successfully produced by the XD™ process [12, 16].
Infiltration of a carbonaceous gas in a molten Al-Ti
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alloy was found suitable to form TiC/Al composites
with a fine reinforcement size (0.1-3 um) at low to
moderate volume fractions (less than 15%)[14, 17].

SHS is an innovative processing technique which
allows one to produce a wide range of refractory com-
pounds from powder mixtures by utilizing the heat
released during the exothermic reactions of their
formation [18-21]. The ignition of a lightly compacted
powder blend initiates a combustion wave that propa-
gates through the blend, leaving behind the reaction
products. The technique is extremely attractive, its
main advantages being the self-generation of energy
required for the process and the high productivity due
to very high reaction rates. Originally employed for the
production of single-phase ceramic compounds, SHS
can be a feasible way for the in situ fabrication of com-
posites, since both techniques utilize exothermic
chemical reactions. The advantages of this processing
route include submicron reinforcement size, nascent
interfaces, economical processing, thermodynamic
stability coupled with rapid reaction kinetics, and the
ability to produce high volume fractions of ceramic
reinforcements. Despite their intrinsic advantages,
SHS-produced powders or porous bodies must be
further processed to form dense materials. For SHS-
processed MMC:s, high pressure consolidation at room
or slightly elevated temperatures (e.g. cold sintering)
[22, 23] may become a feasible consolidation tech-
nique. In cold sintering, full-density net-shape parts are
obtained by utilizing the plastic deformation of
powders under high pressure. By this technique, com-
positions with up to 80 vol.% of hard particles can be
consolidated to full density (24, 25].

Reports on in situ SHS processing of metal and
intermetallic matrix composites (MMCs and IMCs) are
scarce [15, 26-30). In all these works except ref. 15,
composites with very low fractions of matrix material
(i.e. high fractions of reinforcing phases) were synthe-
sized. In ref. 15, NiAl and Fe Al matrix composites with
10-20 vol.% TiC, TiB,, TiN and AIN particles were
successfully fabricated by employing in situ SHS. In
principle, SHS processing should be much more prob-
lematic for MMCs than it is for IMCs: for IMCs, both
the reactions of the reinforcement and of the matrix
formation are exothermic, whereas for MMCs the
“inert” matrix acts as a diluent which may cause
damping of the combustion wave. Therefore only
ceramic reinforcements with high heats of formation
are suitable for SHS processing of MMCs. Another
basic requirement is the high fraction of ceramic
reinforcement (i.e. low fraction of metal matrix). This
ensures that the reaction will not be extinguished owing
to excessive dilution by the matrix material. For Al-
base MMCs, TiC and TiB, seem to be feasible
reinforcements, both from the point of view of the
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exothermicity of the reactions of their formation and
from the point of view of their stability in Al In ref. 30,
TiC/Al composites were produced from a blend of Al
and Ti powders and carbon fibers by employing SHS
and subsequent consolidation with hot isostatic pres-
sure (HIP). It was reported that at room temperature
the self-propagating reaction front could not be sus-
tained when more than 0.1 mole ratio of Al was added
to the TiC mixture. Even with preheating of the start-
ing mixture up to the melting point of Al, the authors
did not succeed in fabricating composites with more
than 0.3 mole ratio of the matrix phase (Al). The TiC/
Al composite material obtained had a rather poor
density (92%), even after the HIPing operation. In the
present work, in situ SHS processing coupled with high
pressure consolidation was successfully employed for
the fabrication of dense Al-base MMCs reinforced
with about 30 vol.% TiC, TiB, or TiC + TiB, particles.

2. Experimental procedure

2.1. Self-propagating synthesis

SHS processing of the Al matrix composites was
performed by Exotherm Corporation, Camden, NJ.
High purity (99.9%) titanium (less than 44 um), alumi-
num (less than 44 um) and boron (1-5 um) from
Atlantic Metals, carbon black (less than 0.2 um,
agglomerated) and boron carbide (B,C, 1-7 um)
powders were used. Powder blends of compositions (in
weight per cent) Al-34Ti-8.5C (1:1, Ti:C),
Al-28.5Ti-12.9B (1:2, Ti:B), Al-30.6Ti-11.8B,C
(1:1, Ti:C; 1:2, Ti:B) and Al-30.6Ti-2.6C~9.2B (1:1,
Ti:C; 1:2, Ti:B) were prepared by ball milling. Very
small amounts (less than 1%) of halogenide-based gas
transport agents were added to the starting powder
mixture for the activation of the combustion process.
Cylindrical compacts (32 mm diameter by 100 mm
height) with about 36%-38% theoretical density were
placed in a reactor with thermally insulated walls (Fig.
1). On top of each compact, 15 g of an igniting Ti—-C
mixture {1:1 mole ratio) were placed. The mixture was
ignited by passing electric current through a tungsten
wire. All SHS experiments were performed in argon at
atmospheric pressure.

The temperature in the reaction zone was measured
by two W-Re thermocouples placed a distance apart,
the upper thermocouple being located at a distance of
40 mm from the igniting mixture (Fig. 1). Time of the
wave front propagation between the two thermo-
couples was measured and the combustion wave veloc-
ity calculated. After the combustion, cylindrical
samples with 30%~40% porosity were obtained.

The measured, calculated and estimated combustion
parameters of the four different powder mixtures
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Fig. 1. Schematic diagram of the SHS experiment.

(starting composition, final composition based on
thermodynamic equilibrium, adiabatic temperature
T.4, combustion temperature 7, ,, combustion wave

velocity u and cooling time from T, to the freezing
(melting) temperature of Al ¢..,) are listed in Table 1.

2.2. Consolidation, mechanical testing and
microstructure characterization

For consolidation, two types of specimens were
prepared:

(1) square specimens with cross-sections close to
that of the high pressure cell (about 18 X 18 X 3 mm?)
were cut from as-received porous material;

(2) as-received material was milled into powder
(about 100 pm) which was subsequently compacted
into approximately 70% dense green compacts.

Both types of specimens were treated in vacuum
(about 1073 Torr) at 300 °C for 1 h in order to remove
the hydrate layer from the Al surface, then high pres-
sure consolidated (cold sintered) at P=3 GPa at room
or slightly elevated (300 °C or less) temperatures. (It
was previously reported that rapidly solidified Al alloy
powders containing about 30 vol.% of fine intermetal-
lic precipitates can be consolidated to full density by
high pressure consolidation [31].) As a result of cold
sintering, practically 100% density was achieved.

The microhardness of the as-received and cold-
sintered materials was measured using a Vickers
diamond pyramid under a load of 200 gf. For the cold-
sintered materials the yield stress in compression o,
and the transverse rupture strength in three-point
bending, ozs, were measured. Specimens for mechan-
ical testing (about 3 X 3 X 10 mm? for compression and
3x4.5x18 mm? for bending) were polished and
annealed (500 °C, 1 h) prior to testing in order to mini-
mize the possible strain-hardening effects caused by
high pressure consolidation.
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The phase composition of the SHS material was
studied using X-ray diffraction (XRD). The material
microstructure (polished samples, fracture surfaces)
was investigated by optical microscopy, scanning
electron microscopy (SEM) in secondary electron and
backscattered electron modes, and transmission
electron microscopy (TEM).

3. Results and discussion

3.1. Combustion synthesis

For all four compositions investigated, very low
combustion velocities (at least one order of magnitude
lower than those of pure TiC or TiB,) were observed
(Table 1). The propagation of the combustion wave
was unstable, indicating that the rate of heat dissipation
into the “inert” Al matrix was approaching the rate of
heat generation. The non-steady-state oscillatory
motion of the wave during combustion resulted in a
typical layered structure of the reaction products. The
heat required to maintain the propagation front of
these reactions with the formation of 30 vol.% TiC
and/or TiB,, appears to be close to the lower limit
required for the self-sustaining synthesis process.

3.2. Microstructure evaluation

XRD spectra of the as-received material after SHS
for all four starting mixtures are presented in Figs. 2(a),
3 and 4. It can be seen that the phase compositions of
the synthesized MMC:s closely fit the predictions based
on the thermodynamic equilibrium, i.e. the materials
contain high fractions of TiC, TiB, and TiC+ TiB,
respectively. Representative micrographs demon-
strating TiC and TiB, ceramic particles in the synthe-
sized Al matrix composites are shown in Figs. 5-7.
However, in all the systems except Al-Ti-C, strong
additional peaks of AL;Ti are observed, indicating that
full conversion of Ti to TiC or TiC + TiB, has not been
achieved. A representative micrograph of AL Ti
needles in the Al-Ti~-C-B system is shown in Fig, 8. It
is assumed that, for all the compositions investigated,
the combustion reactions are preceded by the melting
of Al, followed by the capillary spreading of the molten
Al along the solid Ti and carbon, boron or B,C
powder particles. This ensures intimate contact
between Al and Ti, while there are only occasional
points of contact between Ti and carbon, boron or
B,C. Upon heating, Al;Ti is the first phase to be
formed by a direct reaction between Ti particles and
molten Al. The AL, Tiformed is solid and remains solid
throughout the combustion process (7, of AL;Ti
(1340°C) is higher than T, see Table 1). According
to the thermodynamic equilibrium, AL;Ti should
further react with carbon or boron to form the more
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TABLE 1. Combustion parameters of the powder mixtures used
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Starting Equilibrium Volume Adiabatic Combustion Combustion Lol
powder combustion fraction of temperature temperature velocity u {min)
mixture products ceramic T.q T.p (1073ms~1)
(Wt.%) (Wt.%) particles (°C) (°C)
Al 575 Al 574 0.29 1128 1100 0.9 45
Ti34.0 TiC 42.45
C8.5 AlL,C,0.15
Al58.6 Al 58.6 0.30 1327 1260 1.9 54
Ti28.5 TiB,41.4
B12.9
Al57.6 Al 57.6 TiB, 0.22 1176 1155 0.8 42
Ti30.6 TiB, 29.6 TiC 0.09
B,C11.8 TiC12.8
Al57.6 Al 57.6 TiB, 0.22 1297 1240 1.4 48
Ti30.6 TiB, 29.6 TiC 0.09
B9.2 TiC 12.8
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Fig. 3. X-Ray diffraction pattern of the SHS-processed TiB,/Al
composite.
< Al-34 Ti-8.5C
T polished sample
Qe
2 = combustion wave, the dwell time of the material in the
E combustion zone is not long enough to achieve the
2 equilibrium compositions. An interesting observation
= is that the relative intensities of the Al,Ti X-ray peaks
< do not match the standard intensities and differ from
spectrum to spectrum. A possible explanation, sug-
3 gested by the layered structure of the SHS reaction

20,° —>

Fig. 2. X-Ray diffraction patterns of the SHS-processed TiC/Al
composite (a) as received and (b) after polishing,

thermodynamically stable TiC or TiB,. The appreci-
able amounts of Al,Ti phase in the final products (for
Al-Ti-B, Al-Ti-B-C and Al-Ti-B,C starting mix-
tures) show that, under the conditions of a propagating

products, is that the AL Ti needles have a certain
preferred orientation with respect to the direction of
the combustion wave propagation. Since Ti is partly
converted to Al,Ti instead of the expected TiC or
TiB,, some of the carbon, boron or B,C should either
remain unreacted or form carbides or borides other
than TiC and TiB,. However, no peaks of Al carbide,
Al borides or B-rich Ti borides were detected in the
X-ray spectra of the as-received TiB,/Al and
(TiB, + TiC)/Al materials. The unreacted amorphous
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Fig. 4. X-Ray diffraction patterns of the (TiC+ TiB,)/Al com-
posites SHS processed from (a) Al-Ti-B-C starting mixture and
(b) AlI-Ti-B,C starting mixture.

carbon or boron, if present, will not give detectable
peaks in X-ray diffraction spectra; X-rays are also
insensitive to small amounts of B,C.

The X-ray spectrum of the as-received material after
SHS of the Al-Ti-C starting mixture (Fig. 2(a)) shows
that for this composition there is practically no Al,Ti
phase in the final product. However, the micrographs
in Figs. 9(a) and 9(b) reveal the presence of some
needle-like formations resembling Al;Ti. There is no
contrast difference between these needles and the
matrix in the backscattered electron image, suggesting
that their composition is similar to that of the matrix.
According to the wavelength-dispersive X-ray (WDX)
map in Fig. 9(c), the needles, as well as the matrix,
contain both Ti and Al, whereas the darker phase
surrounding the needles contains only Al. Since the
only two phases detected in the polished Al-Ti-C
sample are Al and TiC (Fig. 2(b)), the dark phase must
be pure Al and the brighter phase (both the needles
and the matrix) a very fine mixture of Al and TiC. In
our opinion the needles in the final microstruture
indicate that a transient Al;Ti phase was present in the
course of the SHS processing. It is possible that, simi-
larly to the previous compositions, the SHS process in
the AI-Ti-C starts with the formation of AL, Ti. These
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Fig. 5. Representative microstructures (SEM) of the TiC/Al in
situ composite (as received after SHS): (a) relatively coarse TiC
particles, left—secondary electron image, right—backscattered
electron image; (b) fine TiC particles.

Fig. 6. Representative microstructure {(SEM) of the SHS-
processed TiB,/Al in situ composite (cold sintered).
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Fig. 7. Representative microstructures (SEM) of the
(TiC +TiB,)/Al in situ composite (as received after SHS of

Al-Ti-C-B mixture); {(a) TiC particles; (b) TiB, particles, left—
secondary electron image, right—backscattered electron image.

AL;Ti needles further react with carbon to form
Ti,AlC ternary carbide (H phase), finally decomposing
into  fine-scale  precipitates of TiC (eg
Ti,AIC+C=Al+2TiC). Thus no Al Ti phase is
present in the final product. Such a reaction path would
be in agreement with the ternary Al-Ti-C system
phase equilibria [32]. A similar sequence of events
leading to the formation of TiC reinforcements in
aluminum was suggested in refs. 17 and 33. This
mechanism, however, accounts only for the formation
of a relatively small amount of secondary TiC.

It is assumed that solid state reactions at the
Ti-carbon or Ti-boron powder particle interfaces, as
well as surface reactions between carbon or boron par-
ticles and Ti dissolved in the molten Al, are important
mechanisms of ceramic reinforcement formation during
the SHS processing. These reactions should yield rela-
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Fig. 8. AL;Ti needles in the microstructure of the (TiC + TiB,)/
Al composite SHS processed from Al-Ti-C-B mixture: (a)

optical micrograph; (b) SEM image, left—secondary electron
image, right—backscattered electron image.

tively coarse TiC and TiB, particles comparable in size
with the starting powder particles. Indeed, 1-2 um size
TiC and TiB, dispersions can be clearly seen in the
SEM images in Figs. 5(a), 6 and 7. However, the micro-
graph in Fig. 5(b) reveals the existence of the whole
population of considerably finer-scale (about 0.1 um)
TiC particles. Very fine TiC and TiB, particles can also
be seen on the fracture surfaces of TiC/Al and TiB,/Al
composites (Fig. 10). The TEM image in Fig. 11 bears
evidence of the very fine microstructure of the TiC/Al
material obtained: grains as fine as 30 nm are clearly
seen, though it is difficult to distinguish between differ-
ent phases owing to the high volume fraction of the fine
TiC dispersions. Their size, shape and homogeneous
distribution suggest that these TiC particles were not
fermed by an interfacial reaction but rather by precipi-
tation from the solution. Though very fine TiB, par-
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Fig. 9. Al Ti-like needles in the microstructure of the SHS-
processed TiC/Al in situ composite: (a) optical micrograph; (b)
SEM image, left—secondary electron image, right—backscat-
tered electron image; (c) Al and Ti WDX maps of the needle and
surrounding area.
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Fig. 10. Fracture surfaces in bending (SEM) of the SHS-
processed in situ composites (a) TiB,/Al, (b)and (c) TiC/Al

ticles are not seen as clearly as TiC particles, their
existence will be further confirmed by the high
mechanical properties of the TiB,/Al composite. As a
matter of fact, TiB, particles are more likely to be
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Fig. 11. TEM image of the SHS-processed TiC/Al in situ
composite.

formed by the solution-reprecipitation mechanism
than are TiC particles. Since the concentrations of
boron and Ti in molten Al at 1260 °C (7., for TiB,/Al
composite processing) can be as high as about 1.7 and
17 wt.% respectively [34], the reaction between dis-
solved Ti and B atoms with precipitation of solid TiB,
(T, of TiB, (2790°C) is much higher than T, ) is
highly probable. At the same time the solubility of
carbon in liquid Al at 1100°C (T, for TiC/Al com-
posite processing) is very limited (800 p.p.m. as extrap-
olated from ref. 35, or even 45 p.p.m. [36]), making
precipitation of TiC from the melt much less likely.
Clearly the mechanism of formation of nanoscale TiC
particles during the SHS processing of Al matrix com-
posites requires further investigation.

In the case of the Al-Ti-C system, relatively large
(less than 0.5 mm) “islands” of unreacted carbon black
are visually observed in the specimens after the SHS
treatment. The presence of unreacted carbon implies
that the ball-milling operation was not effective in
disintegrating and distributing the agglomerates of the
otherwise fine starting carbon black powder. Under the
conditions of the rapidly propagating combustion
wave, there is not enough time for the relatively coarse
carbon agglomerates either to dissolve or to be fully
consumed by interfacial reaction with the surrounding
metal. Since the ratio of carbon to Ti in the starting
mixture was 1:1 (by moles), some unreacted Ti is
expected to be found in the final material. However, no
peaks of Ti metal are detected in the X-ray spectrum
(Fig. 1). It is possible taht in this case the TiC is slightly
hyperstoichiometric (TiC has an extremely wide range
of homogeneity). It is evident from the X-ray spectrum
that the amount of Al,C; in the as-received TiC/Al
material after SHS is well above the expected 0.15
wt.%. This aluminum carbide may have been formed
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either by a direct reaction between carbon and the
molten Al or by the reaction of TiC with the Al melt
during cooling after the combusion. Indeed, Al,C; was
reported to be formed on TiC in Al-Ti liquids contain-
ing carbon at temperatures below 1273 K [37]. It was
assumed that Al,C, is formed by the following reac-
tion: 3TiC+ 13Al,=AlLC,+3ALTi (38]. In our
case the cooling time from the combustion temperature
(1373 K) to T, of Al is relatively long (45 min) and
may be sufficient for an appreciable amount of Al,C;
to be formed. If the formation of Al,C; at temperatures
below 1273 K is of the equilibrium origin, as it is
claimed in ref. 38, one cannot expect to fabricate, by
SHS processing, Al,C;-free TiC/Al composites owing
to the conversion of TiC to Al,C;. It should be men-
tioned that determining the exact location of the Al,C,
phase by studying the SHS-processed TiC/Al com-
posite by optical microscopy or SEM could be helpful
in establishing whether Al,C; is formed by the direct
reaction between Al and carbon or at the TiC-Al
interface during cooling. Unfortunately though, Al,C;,
being a hygroscopic compound, was completely dis-
solved in water used during the preparation of the
metallographic samples. (The X-ray spectrum of the
polished samples contains no peaks of Al,C;, see Fig.
2(b).)

3.3. Mechanical properties

The results of the mechanical testing of the cold-
sintered SHS-processed Al matrix composites are
encouraging. (No difference in the mechanical prop-
erties was observed for samples consolidated from
pulverized or directly from as-received materials after
SHS.) In the bending test relatively high values of ogs,
i.e. 550 and 740 MPa for TiC/Al and TiB,/Al com-
posites respectively, were obtained. The results of the
compression test at various temperatures for the cold-
sintered TiC/Al and TiB,/Al materials are presented
in Fig. 12. High values of the yield stress g, have been
obtained for both compositions (o,=430 and 560
MPa at room temperature for TiC/Al and TiB,/Al
composites respectively). For the TiB,/Al composite
the dependence of o, on temperature is similar to the
tensile strength behavior of materials fabricated from
rapidly solidified aluminum alloy powders with a
similar volume fraction (about 30%) of intermetallic
phases [39]. Correspondingly high Vickers microhard-
ness numbers (VHNs) were achieved: VHN =225+ 5
for TiC/Al and VHN=245+t5 for TiB,/Al com-
posite.

A wide range of controversial viewpoints are cur-
rently available on the strengthening of metal matrix
composites. Various workers have proposed that the
mechanical behavior of MMCs can be understood
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Fig. 12. Yield stress in compression of the cold-sintered (P=

3 GPa, T=300°C) SHS-processed TiC/Al and TiB,/Al in situ
composites as a function of temperature.

either on the basis of continuum mechanics models
(e.g. shear lag, Eshelby and numerical models [40, 41}),
or, alternatively, by considering modifications to the
initial dislocation microstructure and including the
effects of processing-induced residual stresses (e.g.
incompatibiity-dislocation approach [42]). The con-
tinuum mechanics models are valid for MMCs re-
inforced with relatively large (at least several microns
in size) particles [41] and predict only a very modest
increase in o, with increasing volume fraction of
reinforcement. It is apparent that these models cannot
explain the high values of yield strength in the present
work and therefore dislocation-related models should
be addressed. The incompatibility-dislocation ap-
proach leads, for fine particles and spacing, to an
Orowan-type relation of stress with both particle size
and spacing [42]. For the approximately 0.1 um size
particles with an interparticle spacing of the same order
of magnitude (Fig. 5(b)), the Orowan-type strengthen-
ing of Al will be Ao, =150 MPa [24]. However, for the
larger particle size and spacing (1-2 um; Figs. 5(a), 6
and 7) the single-dislocation, Orowan-type hardening
will be completely negligible. Nevertheless, these par-
ticles may contribute to the overall strengthening by
another dislocation-related mechanism, namely the
formation of dislocation tangles around particles
resulting in a dislocation cell structure [42]. Similarly to
Orowan-type hardening, the flow stress in this case is
inversely proportional to the interparticle spacing.
Unfortunately, since no reference to the value of the
proportionality constant was given by the authors, no
estimations of the relative importance of this mecha-

| Fabrication of Al matrix composites 197

nism could be made in the present work. In addition,
considering the fine microstructure of the composites
obtained (Fig. 11), grain boundary strengthening may
also be operative in these systems. We therefore
assume that a superposition of the above dislocation-
related strengthening mechanisms accounts for the
high values of the yield stress of the SHS-processed in
situ TiC/Al and TiB,/Al composites. It should be
mentioned that the fine microstructure obtained in
these composites seems to be very stable: no decrease
in the room temperature yield stress of TiC/Al and
TiB,/Al specimens was observed after annealing at
500°C for 10 h (compare with rapidly solidified Al-
base alloys, where coarsening of the fine intermetallic
phases accompanied by a corresponding decrease in g,
and o0y is observed already at 350°C [43]). The
presence of the coarser (1-2 um) hard TiC or TiB,
particles should also result in a higher wear resistance.
Preliminary pin-on-disc wear resistance tests have
demonstrated a much better performance of SHS-
processed Al-base composites compared with rapidly
solidified Al-base alloys having otherwise similar room
temperature mechanical properties [44].

It should be mentioned that, in spite of the high
volume fractions of ceramic particles, the SHS-
processed TiC/Al and TiB,/Al composites exhibited
pronounced ductility in compression: plastic strains ¢,
of 10%-15% (at room temperature) up to more than
25% (at elevated temperatures) were measured for both
compositions. (Usually the room temperature plasticity
in compression of Al matrix composites reinforced
with 20-30 vol.% hard particles does not exceed about
4% (42, 45].) In three-point bending tests, too, a certain
plastic deformation of the above materials was regis-
tered prior to the failure. The high levels of elevated
temperature ductility observed in the SHS-processed
Al matrix composites provide the possibility for more
conventional (compared with cold sintering) densifica-
tion routes, e.g. hot extrusion or forging. Thus, during
high pressure consolidation at 300 °C, small amounts
of TiC/Al and TiB,/Al materials were extruded in a
gap between the die wall and the punch, forming dense
foils about 0.1 mm thick and about 5-6 mm long, indi-
cating reasonable levels of composite ductility.

4. Conclusions

In the present research, Al matrix in situ composites
with 30 vol.% of hard ceramic particles (TiC and/or
TiB,) were successfully fabricated by employing the
SHS technique. This is the first study to report the SHS
processing of Al-base MMCs with such a low volume
fraction of the ceramic reinforcement. The result is
significant and denotes that, by employing SHS, it is
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possible to obtain Al matrix in situ composites with
compositions ranging from 30 to 100 vol.% TiC and/
or TiB, particles.

Using the SHS-processing route, very-fine-scale
ceramic reinforcements ranging from tens of nano-
meters up to 1-2 um were obtained in the Al matrix.
The microscale TiC and TiB, particles were formed by
the surface reaction between Ti dissolved in the Al
melt and carbon or boron powder particles. A certain
amount of unreacted carbon remained in the SHS-
processed samples, presumably as a result of carbon
black powder agglomeration. We believe that full
conversion of carbon, as well as a more homogeneous
microstructure of the SHS-processed materials, may be
achieved if attrition milling is employed for the blend-
ing and refining of the starting powders. The mecha-
nism of formation of the nanoscale TiC and TiB,
precipitates remains to be elucidated but may be postu-
lated to involve solution and reprecipitation.

It was shown that, by employing high pressure
consolidation at temperatures not exceeding 300 °C,
full density can be achieved in the porous SHS-
processed Al matrix composites containing 30% TiC
and/or TiB, particles. According to ref. 25, this con-
solidation route should also be feasible for SHS-
processed Al-base MMCs with much higher volume
fractions (up to 80 vol.%) of hard ceramic particles.

High room and elevated temperature mechanical
properties (yield stress, microhardness) were obtained
in the high-pressure-consolidated SHS-processed com-
posites, comparable with the best rapidly solidified Al-
base alloys with the same volume fraction (about 30%)
of the second phase. These high properties were attri-
buted to a superposition of Orowan-type hardening
due to the high density of nanoscale ceramic particles,
strengthening by formation of dislocation tangles
around micron sized particles, and submicron grain
boundary hardening. According to the preliminary
results, SHS-processed Al matrix MMCs exhibit a
wear resistance superior to that of rapidly solidified
Al-base alloys with similar room temperature mech-
anical properties, apparently owing to the presence in
the former of the dispersion of microscale hard
ceramic particles.

Along with the high yield strength, appreciable room
and elevated temperature ductility was observed in the
SHS-processed Al-base composites. The high levels of
elevated temperature ductility provide the possibility
for these materials to be consolidated and shaped by
the conventional hot-processing methods, i.e. hot
pressing, extrusion and forging. It was observed that at
temperatures up to at least 500 °C no coarsening of the
microstructure occurred in the materials obtained. In
order to better utilize the heat released during exo-
thermic SHS reactions, the application of pressure
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shortly after the passage of the combustion wave, while
the sample is still at a relatively high temperature, may
be attempted. Thus cemented carbide alloys prepared
by the application of pressure after the passage of the
combustion wave were reported to be fully dense [20].
This approach may be further developed into the
concept of a continuous manufacturing process where
the synthesized material is continuously densified
immediately after the passage of the combustion wave
at a rate equal to the combustion velocity. Al matrix in
situ composites, with their low SHS combustion
velocities (due to the strong heat dissipation in the
“inert” metal matrix), as well as MMCs as a whole, may
be an ideal choice for utilization of the continuous
manufacturing process approach.
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