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Superior high-temperature resistance 
of aluminium nitride particle-reinforced 
aluminium compared to silicon carbide 
or alurnina particle-reinforced aluminium 
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Aluminium-matrix composites containing AIN, SiC or AI203 particles were fabricated by 
vacuum infiltration of liquid aluminium into a porous particulate preform under an argon 
pressure of up to ,41 MPa. AI/AIN had similar tensile strengths and higher ductility compared 
to AI/SiC of similar reinforcement volume fractions at room temperature, but exhibited higher 
tensile strength and higher ductility at 300-400 ~ and at room temperature after heating at 
600 ~ for 10-20 days. The ductility of AI/AIN increased with increasing temperature from 
22-400 ~ while that of AI/SiC did not change with temperature. At 400 ~ AI/AIN exhibited 
mainly ductile fracture, whereas AI/SiC exhibited brittle fracture due to particle decohesion. 
Moreover, AI/AIN exhibited greater resistance to compressive deformation at 525 ~ than 
AI/SiC. The superior high-temperature resistance of AI/AIN is attributed to the lack of a 
reaction between aluminium and AIN, in contrast to the reaction between aluminium and SiC 
in AI/SiC. By using AI-20Si-SMg rather than aluminium as the matrix, the reaction between 
aluminium and SiC was arrested, resulting in no change in the tensile properties after heating 
at 500~ for 20 days. However, the use of AI -20Si -5Mg instead of aluminium as the matrix 
caused the strength and ductility to decrease by 30% and 70%, respectively, due to the 
brittleness of AI -20Si-5Mg.  Therefore, the use of AIN instead of SiC as the reinforcement is a 
better way to avoid the filler-matrix reaction. AI/AI203 had lower room-temperature tensile 
strength and ductility compared to both AI/AIN and AI/SiC of similar reinforcement volume 
fractions, both before and after heating at 600 ~ for 10-20 days. AI/AI203 exhibited brittle 
fracture even at room temperature, due to incomplete infiltration resulting from AI203 particle 
clustering. 

1. I n t r o d u c t i o n  
Aluminium is attractive compared to many other 
metals (e.g. copper, tungsten, etc.) because of its com- 
bination of a low density and a high thermal conduct- 
ivity. However, it has the disadvantage of a high 
coefficient of thermal expansion (CTE) compared to 
many other metals (e.g. copper, tungsten, etc.). A low 
CTE and a high thermal conductivity are desirable for 
applications as electronic heat sinks and space struc- 
tures. In addition, a low density is desirable for aero- 
space electronics and space structures. An effective 
way for lowering the CTE is the addition of a low CTE 
filler to form a metal-matrix composite. Thus, an 
aluminimum-matrix composite exhibits ( i )a  low 
CTE, (ii) in the case of a filler which is thermally 
conductive, a high thermal conductivity, and (iii) in 
the case of a filler of low density, a low density as well. 
Hence, the ideal filler has a low CTE, a low density 
and a high thermal conductivity. 

The choice of the filler is also governed by the 
reactivity between the filler and the matrix, as ex- 
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cessive reaction damages the filler and weakens the 
bonding between the filler and the matrix, though 
limited reaction helps the adhesion between them. The 
reaction, if present, becomes more severe as the tem- 
perature increases. Thus, a reaction is not desirable for 
the high-temperature resistance of the composite. 
High-temperature resistance is desirable for appli- 
cations in fusion welding and electronic heat sinks. 

The high-temperature resistance of aluminium- 
matrix composites containing silicon carbide (SIC) 
particles (the most widely used reinforcement for alu- 
minium) is limited by the reaction between aluminium 
and SiC, as this reaction forms A14C 3 and silicon and 
weakens the interface between the filler and the matrix 
when the reaction becomes excessive. Alternative re- 
inforcements which do not react with aluminium in- 
clude alumina (AlzO3) and aluminium nitride (A1N). 
Alumina particles can be considered the second most 
widely used reinforcement for aluminium, but little 
work [1, 2] has been reported on aluminium reinfor- 
ced by A1N, which has an additional advantage of a 
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T A B L E  I Properties of AIN, SiC and A120 3 powder 

AIN SiC AlzO 3 

Mean particle size (~tm) 3.7 3.0 
Specific surface area (m 2 g 1) 2.5-4.0 - 
Density (g c m -  3) 3.26 3.18 
Young's modulus  (GPa) 345" 400-440 
Electrical resistivity (~ cm) > 1013 _ 
Dielectric constant  8.2-9.0 - 
Thermal conductivity (W m - 1 K - 1 ) 160-220 90 
Coefficient of thermal expansion 3.3" 3.4" 

(~tm m -  1 ~  1 ) 

Crystal structure Hexagonal Hexagonal 

3.0-3.5 
3 
3.97 

379" 
> 1014 

9.3 
20 

7.0" 

Corundum 

" From [1]. 

high thermal conductivity compared to both SiC and 
A1203. The properties of A1N, SiC and A1203 are 
shown in Table I. 

This work is focused on A1/A1N particulate com- 
posites, with emphasis on the high-temperature resist- 
ance and mechanical properties compared to A1/SiC 
and A1/A1203. 

AI/A1N particulate composites had been previously 
studied by Geiger [1, 2], who measured the room- 
temperature properties of composites made by pow- 
der metallurgy and subsequent extrusion. Such com- 
posites had also been made by Aghajanian et al. by 
liquid-metal infiltration in a controlled atmosphere 
furnace [3]. Melt infiltration was also used by Toy 
and Scott [4] to produce A1/sintered A1N composites. 
In this paper, we report the high-temperature proper- 
ties of A1/AIN. 

The elevated temperature tensile properties of vari- 
ous discontinuously reinforced aluminium alloys, such 
as 6061 [5, 6], 2024 [7], 2124 [8-11], 7075 [12], 1100 
[9, 13], 336 [14] and 332 [15] have been reported. The 
reinforcement was alumina (particles) or SiC (whiskers 
or particles) and the volume fraction ranged from 15% 
to 30%. Generally, composites fabricated by powder 
metallurgy or extrusion methods provided a higher 
tensile strength than those made by casting tech- 
niques. In most cases, the tensile strength of the 
composites upon heating started to drop sharply at 
300~ and converged to about 70 MPa at 400~ 
even though the room-temperature tensile strengths of 
different composites were very different. An exception 
is in the case of 2124/SiCp (20 wt % SIC), which exhib- 
ited a tensile strength of about 120 MPa at 400 ~ [10]. 
No information on the elevated temperature proper- 
ties of A1/SiC containing > 30 vol % SiC or A1/A1N of 
any AIN volume fraction has been reported. 

It is of interest to evaluate the elevated temperature 
mechanical properties of A1/SiC, A1/A1N and 
AI/A1203 with high volume fractions and to investig- 
ate the effect of the filler species on the elevated 
temperature mechanical properties and on the room- 
temperature properties after heating. 

2. Experimental procedure 
2.1. Composite fabrication 
The AIN (A1Nel Grade A-100) and SiC (1200-W) 
particles used were kindly provided by Advanced 
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Figure 1 Scanning electron micrographs of A1N, SiC and AlzO 3 
powders. 



Refractory Technologies, Inc. and Electro Abrasives, 
Inc., respectively. The calcined alumina particles (A- 
17) were obtained from the Aluminium Company of 
America (ALCOA). The A1N particle size ranged from 
2 to 7 gm, with a mean at 3.7 pm, but coarse particles of 
up to 12 gm were also present in the powders. The SiC 
particle size ranged from 1-10 gm, with a mean at 
3 gm. The alumina particle size had an average of 
3.0-3.5 gm. The properties of the three kinds of pow- 
ders are listed in Table I. The composition of A1N was 
66.0% A1, 33.0% N, 0.07% C, 1.0% O, 0.005% Fe 
and 0.005% Si. The composition of SiC was 98.5% 
SiC, 0.5% SiO 2, 0.3% Si, 0.08% Fe, 0.1% A1, 0.3% C. 
The calcined alumina contained 99.7% A1203, 0.08 % 
Na20, 0.02% SiO2, 0.01% Fe203 and 0.001% BzO 3. 

Fig. 1 shows scanning electron micrographs of A1N, 
SiC and calcined A120 3 powders (without any binder). 
Both A1N and SiC had "clean" particle surfaces. How- 
ever, the calcined A120 3 had very fine particles sur- 
rounding each A120 3 particle, so that particle 
clustering occurs and results in little space for the 
liquid-metal infiltration. No particle clustering was 
found in the A1N and SiC powders. 

The metal used, unless stated otherwise, was alumi- 
nium (170.1), the tensile strength of which was 
65 MPa. Its composition was At (99.77%), Fe (0.16%) 
and Si(0.07%) and the melting temperature was 
660~ Other alloys used were 6061 (Mg(1.05%), 
Si(&6%), Mn(0.28%), Cr(0.2%)), 413,1 (Si(12.0%), 
Fe (1,3 %), Cu (1.0%), Mg (0.1%)), A1-20Si-5Mg and 
A1-5Mg. The last two alloys were made from alumi- 
nium (170.1). Magnesium is known to improve the 
wetting between the ceramic reinforcement and the 
matrix [16, 17]. Silicon added to the alloy is known to 
prevent reaction of SiC with the aluminium melt 
during fabrication and to reduce the CTE of the 
composite. The CTE of silicon is only 4 x 10- 6 o C - 1 

as compared to 25 x 10 -6 ~ for pure aluminium. 
The metal-matrix composites were fabricated by 

vacuum infiltration of a liquid metal into a porous 
perform under an argon pressure. The preform was a 
green body comprising A1N, SiC or AlzO 3 powder. 
During composite fabrication, the preform was placed 
at the bottom of a steel mould (Fig. 2). Above the 
preform was placed an aluminium ingot. The mould 
chamber was evacuated using a mechanical pump 
(A0-A1 in Fig. 3). Then the chamber was heated to 
800 ~ (AI-A2 in Fig. 3). The temperature was main- 
tained for a period of time to ensure that the alloy 
melted completely and that the temperature of any 
part of the chamber was approximately equal (A2-A3 
in Fig. 3). Then the temperature was allowed to drop 
at a rate of 3.0-10.0 ~ min-~ to the liquidus temper- 
ature, 7'1, or near the fiquidus temperature, in this case 
670 ~ (A3-A4 in Fig. 3). When the temperature just 
started to drop from 800~ the argon gas pressure 
started to be increased from 0 p.s.i, up to a maximum 
of, unless stated otherwise, 6000 p.s.i. (41 MPa) for 
pure aluminium or 3500 p.s.i. (24 MPa) for A1-5Mg. 
This pressure was applied to the surface of the melt to 
force the melt to penetrate the porous preform com- 
pletely (A4~A5 in Fig. 3). Then the chamber was 
cooled with the help of a cooling water jacket outside 
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Figure 2 Schematic illustration of the steel mould for making 
metal-matrix composites by vacuum infiltration of a liquid metal 
under an inert gas pressure, 
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Figure 3 Variation of the temperature and pressure in the process 
of making metal-matrix composites by liquid-metal infiltration. 

the chamber (A5-A6 in Fig. 3). When the temperature 
was 300 ~ the pressure started to be released (A6-A7 
in Fig. 3). 

The A1N, SiC or A120 3 preforms were prepared by 
wet casting, which involved compressing in a die a 
slurry containing AIN, SiC or A1203 powder, a liquid 
carrier (acetone) and a binder (a phosphate [18-20]). 
(A silica colloid had also been used as the binder, but it 
resulted in preforms that were much weaker than 
those obtained with a phosphate binder.) Acetone was 
used because it is non-aqueous and A1N reacts with 
HaO to form AI(OH)3 and NH a. The carrier/binder 
ratio was from 40: 1 to 45:1 by volume, as this amount 
of binder was sufficient to maintain rigidity in the 
preform. The resulting dry preform contained 

0.1 w t% binder. Excessive amounts of binder 
caused the preform to be not porous enough for 
subsequent liquid-metal infiltration even at 6000 p.s.i. 
(41 MPa). The die allowed excessive liquid to be 
squeezed out. After removal from the die, the compact 
was dried in a fume hood at room temperature for 3 h. 
After drying, which removed most of the acetone, the 
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preform was fired by (i) placing the preform in a 
furnace at room temperature, (ii) heating to 510 ~ at 
a controlled rate of 1.4~ min -1, (iii)holding at 
510~ for 3 h, and (iv) cooling in the closed furnace. 
Excessive heating and a non-uniform temperature 
distribution in the furnace had to be avoided, because 
they would cause quick evolution of acetone and 
thermal stresses, thus resulting in cracking during the 
firing. No oxidation of A1N was detected with X-ray 
diffraction from the A1N preforms after baking in air 
at 660~ for 43 h. For the sake of comparison, a 
mixture of A1N with 1 wt % AlzO3 was tested as a 
reference, showing clear A120 3 diffraction peaks. SiC 
preforms baked at 510 ~ for 8 h gave the same X-ray 
diffraction peaks as the plain SiC powder. 

The pressure used during compression of the slurry 
was adjusted to vary the A1N, SiC or A1203 volume 
fraction in the resulting preform, although the range of 
volume fraction achieved was quite narrow, as shown 
in Table II for the A1N compact. The minimum A1N 
volume fraction achieved with this method was 55%. 

The preforms were cylinders, 4.00 cm diameter, with 
a height-to-diameter ratio of 0.3-0.5. Fig. 4 shows 
scanning electron micrograph of an A1N preform. No 
binder was observed distinctly. 

Although all the work described in this paper in- 
volved preforms prepared by the wet-forming tech- 
nique, the dry powder compact method was tried and 
resulted in preforms that were fragile and non-uniform 
in the reinforcement distribution. In this paper, "com- 
posite cylinder" refers to the metal-infiltrated cylindri- 
cal preform. 

2.2. Composite characterization 
2.2.1. Metallography 
Fig. 5 shows optical micrographs of polished (not 
etched) sections of A1N composites prepared at infilt- 
ration pressures of 3500p.s.i. (24 MPa), 4500p.s.i. 
(31 MPa) and 6000 p.s.i. (41 MPa). The porosity de- 
creased with increasing pressure; it was t2.4% at 
3500 p.s.i. (Fig. 5a), 5.4% at 4500 p.s.i. (Fig. 5b), and 
was 1.1%-1.4% at 6000 p.s.i. (Fig. 5c) for a composite 
containing 58.6 vol% A1N. Fig. 5c for 6000 p.s.i, re- 
presents one of the most thoroughly infiltrated com- 
posites in this work. A higher magnification SEM 
image of a similar composite containing 62.5% AtN is 
shown in Fig. 6; the porosity was 0.5%. 

T A B L E  I I  Effect of applied pressure (during slurry compression) 
on the AIN volume fraction of the resulting preform 

Applied pressure (MPa) AIN (vol %) 

0 55 
7.8 58-59 

2 x 7.8 60.5 
3 x 7.8 61.5 
4 x 7.8 62.3 
5 x 7.8 65.3 

Figure 4 Scanning electron micrograph of an A1N preform with a 
uniform distribution of AIN particles. No binder was observed 
distinctly, 
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Figure 5 Optical micrographs (after mechanical polishing, without 
etching) of AI/A1N fabricated at an infiltration pressure of 
(a) 3500 p.s.i. (24 MPa), (b) 4500 p.s.L (31 MPa) and (c) 6000 p.s.i. 
(41 MPa). The porosity decreased with increasing infiltration pres- 
sure. 



Figure 6 Scanning electron micrograph of A1/AIN (62.5 vol%) 
fabricated at an infiltration pressure of 6000 p.s.i. (41 MPa). The 
porosity was 0.5%. 

Figure 8 (a) Scanning electron micrograph ofA1/Al203 (61.4 vol % 
A1203). (b) Dark-field optical micrograph of the same composite. 

Figure 7 Optical micrographs (after mechanical polishing, without 
etching) of At-5Mg/A1N fabricated at an infiltration pressure of 
3500 p.s.i. (24 MPa). 

Fig. 7 shows an optical micrograph of a polished 
(not etched) section of a composite containing 
60 vol % A1N, made with A1 5Mg as the matrix at an 
infiltration pressure of 3500 p.s.i. (24 MPa). The por- 
osity was 2.7%. Hence, magnesium in the matrix alloy 
enabled the required infiltration pressure to decrease 
to 3500 p.s.i. (24 MPa). 

The A1/SiC composite fabricated at 6000p.s.i. 
(41 MPa) exhibited less porosity than the A1/A1N 
composite fabricated at the same pressure because of 
the higher wettability between aluminium and the SiC 
due to the interfacial reaction of SiC with A1. It was 
reported [21] that a 52% SiC particulate compact of 
9.63 gm particle size could be infiltrated with pure 
aluminium at 800 ~ and 106 p.s.i (724 kPa). In con- 
trast, A1/AI20 3 fabricated under the same condition 
showed more porosity than A1/A1N. Fig. 8a shows a 
dark-field optical micrograph of a polished (not 
etched) A1/AI20 3 (61.4vo1% A1203) composite, in 
which small but uniformly distributed pores were 
observed throughout the composite; Fig. 8b shows a 
scanning electron micrograph of the same sample in 

which cracks within the A120 3 particles were ob- 
served, indicating a weaker particle strength for 
A1203; the porosity was 3%-5%.  

All A1/A1N, A1/SiC and A1/AI20 3 composites show- 
ed a uniform distribution of particles and thus are 
expected to have isotropic properties. 

Different microstructures (after mechanical poli- 
shing) were found between the cylindrical edge and 
body centre regions of an A1/SiC composite cylinder 
(55 vol % SiC) after infiltration and before machining, 
as shown in Fig. 9. The difference in microstructure is 
related to the more extensive interfacial reaction be- 
tween aluminium and SiC in the edge region. Hence 
the edge region shows a lower density of SiC particles 
than the central region. More A1-SiC reaction occur- 
red around the edge due to the proximity to excess 
aluminium and a longer metal-particle contact time 
during infiltration. On the other hand, as shown in 
Fig. 9, the edge and central regions of an A1/A1N 
composite cylinder (60.0 vol % A1N) show essentially 
no difference in microstructure. 

2.2.2.  M e c h a n i c a l  p roper t i e s  
Tensile testing was performed using a hydraulic mech- 
anical testing system (MTS) with a loading rate of 
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Figure 9 Scanning electron micrographs (after mechanical polishing, without etching) of a, c AI/SiC and b, d A1/AIN in the (a, b) edge and 
(c, d) central regions of the composite cylinders. 

t 20 lb min-  1 (534 N min-  ~) at both room and eleva- 320 
ted temperatures. Each sample was in the shape of a 
dogbone, as shown in Fig. 10. Three to five samples of 
each type were tested. The Young's modulus was 
measured using a strain gauge at low loads. The 
ductility was determined by drawing two parallel lines 240 
marking the gauge length on the sample and 
measuring the distance between the lines before and 
after the tensile test using calipers, a_ 

High-temperature tensile testing was performed us- 
ing the same method, except that a resistance furnace ~ 160 
was placed around the sample. The temperature ac- 
curacy was + 10 ~ Each specimen was held in the 
fu_rnace at the test temperature for 30 min prior to 

testing. 8o 
Typical stress-strain curves of A1/A1N, A1/SiC, 

AI/A1203 and pure aluminium are shown in Fig. 1 t. In 
contrast to the ductile aluminium matrix, all AI/A1N, 

~ -- 17 m~ 
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I 
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j ,  
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Figure 10 Dimensions of a dogbone shape tensile specimen. The 
dashed lines indicate the gauge length markings on the specimens. 
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Figure 11 Typical stress-strain curves of A1/AIN, AI/SiC and pure 
aluminium. 

A1/SiC and A1/AIzOa composites exhibited failure 
strains less than 1.0%. Table III shows the tensile 
properties at room temperature of A1/A1N, AI/SiC and 
A1/AI20 3 composites. The strength and modulus were 
much increased and the ductility much decreased by 
the addition of A1N, SiC or AlaO 3. A1/A1N and A1/SiC 
of similar reinforcement volume fractions (rows 2 and 



T A B L E It I The room-temperature tensile properties" of A1/AtN, A1/SiC and A1/A1203 composites 

Vol. fraction Strength (MPa) Modulus (GPa) Ductility (%) 

Measured Theoretical b 

0 72.7 (1.1) 61,7 (3.4) - 
55.0% SiC 313.0 (37.5) t83.4 (15.0) 158.5 
58.6% A1N 300.9 (25.2) 144.3 (4,2) 146,7 
63.3% A1N 406.3 (33.9) 163.5 (36.5) I59.4 
61.2% AI203 275.8 (14.6) 161.6 (6,9) 158.9 
70.2% AI20 3 237.8 (8.4) 181.4 (10.8) 187.8 

22.8 (1.9) 
0.7 (0.3) 
1,1 (0,4) 
1.0 (0,2) 
0,5 (0.t) 
0.4 (0.1) 

Standard deviation shown in parentheses. 
b Hashin and Shtrikman [22]. 
EA,~ = 345 GPa, Esic = 440 GPa, EAl~o~ = 379 GPa. 
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Figure 12 Tensile properties and porosity of A1/A1N (59-60 rot % A1N) and A1 5Mg/A1N (60 vol% A1N) as a function of the infiltration 
pressure. (a) Tensile strength, (b) modulus, (c) ductility, (d) porosity. 

3 of  Tab le  I I I )  exhibi ted  s imilar  tensile s t rengths  and  
sl ightly higher  duct i l i ty  for A1/A1N, while A1/A1N and  
A1/A1203 of  s imilar  re inforcement  volume fract ions 
(rows 4 and 5 of  Table  III)  showed much higher  

s t rength  and  duct i l i ty  for A1/A1N than  A1/AlzO 3. F o r  
A1/A1N and A1/AlzO3, the measured  modu lus  and 
that  ca lcula ted  using the model  of Hash in  and Shtr ik-  
man  ( H - S )  [22] agree with each o ther  very well, bu t  
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AI/SiC had a measured modulus which was larger 
than the theoretical value based on this model. The 
high measured modulus of A1/SiC may be ascribed to 
the large aspect ratio (> 3 based on Fig. 9) of the SiC 
particles - a factor which was not considered in the 
H S model. 

Fig. 12 shows the tensile properties and porosity of 
A1/AIN (59-60 vol % A1N) fabricated at infiltration 
pressures of 3500 p.s.i. (24 MPa), 4500 p.s.i. (31 MPa), 
6000p.s.i. (41 MPa) and 8000p.s.i. (55 MPa). The 
modulus, strength and ductility of A1/A1N increased 
with increasing infiltration pressure up to 6000 p.s.i. 
(41 MPa) and remained essentially unchanged upon 
further increase in pressure. Note that the strength 
and ductility of A1/A1N increased quite linearly with 
increasing infiltration pressure up to 6000p.s.i. 
(41 MPa). The modulus and strength of A1/A1N fabri- 
cated at the infiltration pressure of 8000p.s.i. 
(55 MPa) might be slightly increased, compared to 
those of A1/A1N fabricated at the infiltration pressure 
of 6000 p.s.i. (41 MPa). This suggests that an infiltra- 
tion pressure of 6000 p.s.i. (41 MPa) is an optimum 
pressure for making sound A1/A1N composites. As 
shown in Fig. 12d, the porosity of A1/A1N composites 
decreased with increasing infiltration pressure, thus 
resulting in increasing tensile properties. The infiltra- 
tion pressure of 3500p.s.i. (24MPa), 4500p.s.i. 
(31 MPa) and 6000 p.s.i. (41 MPa) yielded composites 
of 12.4%, 5.4% and 1.1%-1.4% porosity, respectively. 

T A B L E  IV Effect of the T6 heat treatment ~ on the tensile proper- 
ties b of 6061 AI/A1N 

AIN (vol %) 

0 58.1 

Strength (MPa) Without  T6 136.0 (3.8) 491.1 (21.0) 
With T6 281.9 (67.2) 513.2 (18.9) 

Modulus (GPa) Without  T6 702  (1.7) 160.4 (6.3) 
With T6 70.6 (3.1) 159.2 (9.2) 

Ductility (%) Without  T6 10.5 (2.8) 1.2 (0.4) 
With T6 3.4 (1.0) 1.0 (0.2) 

"T6: solution treatment at 529 ~ for 2 h, water quench, annealed at 
160~ for 18 h. 
b Standard deviation shown in parentheses. 

Fig. 12 also shows the tensile properties of 
A1-5Mg/A1N (60.0 vol % A1N) fabricated at infiltra- 
tion pressures of 3500p.s.i. (24MPa), 6000p.s.i. 
(41 MPa) and 8000 p.s.i. (55 MPa). All pressures yield- 
ed composites exhibiting similar modulus and ductil- 
ity. However, the composite fabricated at the infiltra- 
tion pressure of 6000 p.s.i. (41 MPa) showed a higher 
strength than that at 3500 p.s.i. (24 MPa) and about 
the same strength as that at 8000p.s.i. (55 MPa), 
indicating an optimum infiltration pressure of 
6000 p.s.i. (41 MPa), as in the case of A1/A1N. The 
infiltration pressures of 3500p.s.i. (24MPa) and 
6000 p.s.i. (41 MPa) yielded composites of 2.7% and 
0.9% porosity, respectively. 

Fig. 12d shows that the porosity of both A1/A1N 
and A1-5Mg/A1N decreased with increasing infiltra- 
tion pressure. The porosity was much decreased with 
the addition of 5 wt % magnesium, which promoted 
the wetting between aluminium and A1N. Hence. mag- 
nesium in the matrix alloy enabled the required infilt- 
ration pressure to decrease to 3500 p.s.i. (24 MPa) 
essentially without sacrificing the strength, modulus 
or ductility, as shown by comparing the data for 
A1/A1N and A1-5Mg/A1N in Fig. 12a-c. In addition, 
Fig. 12a and b show that, at any infiltration pressure, 
A1-5Mg/A1N exhibited higher strength and modulus 
than A1/AIN. 

The 6061 A1 alloy and 6061/AtN composite were 
given the T6 heat treatment (solution treatment at 
529 ~ for 2 h, followed by water quenching, and then 
annealing at 160 ~ for 18 h). As shown in Table IV, 
the 6061 alloy without any filler showed a large 
increase in strength and a large decrease in ductility 
after the T6 treatment. On the other hand, 6061/A1N 
(58.1 vol % A1N) showed a small increase in strength 
and a small decrease in ductility after the T6 treat- 
ment, indicating that the strengthening in the com- 
posite is mainly due to the reinforcement (which has a 
high volume fraction) rather than the Mg2Si pre- 
cipitates resulting from the T6 treatment. The modu- 
lus was not changed by the T6 treatment for either the 
6061 alloy or the 6061/A1N composite. 

The A1/A1N (62.0vo1% AIN), A1/SiC (55.0vo1% 
SiC) and A1/AI~O3 (61.4vo1% Al/O3) composites 
were heated in air at up to 600 ~ for up to 480 h. The 
room-temperature tensile properties of the composites 

T A B L E  V Effect of heating on the tensile properties ~ of A1/A1N (62.0 vol % A1N), A1/SiC (55.0 vol % SiC) and A1/AI20 3 (61,4 vol% A1203) 

As-cast Heating temperature and time 

300 ~ 210 h 600 ~ 240 h 600 ~ 480 h 

Strength (MPa) A1/AIN 430.3 (14.1) 422.9 (9.9) 400.9 (24.1) 386.9 (18.1) 
A1/SiC 313.0 (37.5) - 257.2 (12.4) 231.9 (36.5) 
A1/AI20 3 275.8 (14.6) - 198.6 (3,2) t39.1 (9.2) 

Modulus (GPa) AI/A1N 161.6 (0.9) t63,1 (1.5) 162.3 (0.6) 161.9 (0.6) 
A1/SiC 183.4 (15.0) - - 
A1/AI20 3 161.6 (6.9) - 159,7 (10.8) 167.8 (5.7) 

Ductility (%) A1/A1N 1.3 (0,3) 1.4 (0.2) 1.1 (0~ I) 1.0 (0.2) 
A1/SiC 0.7 (0.3) - 0.5 (0.3) 0.5 (0.2) 
A1/A1203 0.5 (0.1) - 0.2-0.3 0.1-0.2 

Standard deviation shown in parentheses. 
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before (as-cast) and after heating are shown in 
Table V. The modulus was not affected by the heating, 
at least for A1/AIN and A1/A120 3. The strength of 
A1/A1N decreased after heating at 600 ~ but essen- 
tially did not after heating at 300 ~ However, the 
strengths of A1/SiC and A1/A120 3 decreased with in- 
creasing heating time at 600 ~ The relative strengths 
of A1/A1N, A1/SiC a M  A1/A120 3 relative to the corres- 
ponding values before heating are shown in Fig. 13 as 
functions of the heating time at 600 ~ Among the 
three composites, A1/A1N exhibited the least fractional 
reduction in strength, followed by A1/ 
SiC; A1/A120 3 exhibited the largest fractional strength 
reduction due to heating. As shown in Table V, the 
ductility of all A1/A1N, A1/SiC and A1/A120 3 decreased 
due to heating at 600 ~ for 10 or 20 days. A1/A1N did 
not decrease in ductility when heated at 300~ for 
210 h. The ductility of AI/SiC was smaller than that of 
the A1/A1N and the ductility of A1/A120 3 was smaller 
than that of At/SiC under all heat-treatment condi- 
tions. The fractional decrease in ductility due to hea- 
ting at 600 ~ was largest for A1/A120 3 and least for 
A1/A1N. 

Table VI shows the tensile strengths of A1/A1N and 
A1/SiC at 22, 200, 300, and 400~ (not at room 

1 . 0 0 ~ . ~  AI/AI N (62.0vol % AIN) 

I AI/AI~O a (61.4 vol % AI203) - \ _  
o 5 o i L  ~ ~ , [ , , , , I , , , t I i , , , t 

0 120 240 360 480 
Heating time at 600~ (h) 

temperature after heating). The increase in temper- 
ature decreased the strength for all composites. The 
tensile strength of A1/A1N increased with increasing 
volume fraction of A1N at each test temperature. At 
room temperature, A1/SiC (55.0 vol % SiC) exhibited a 
strength similar to that of A1/A1N of a similar filler 
volume fraction (58.6 vol% A1N). However, at 300 
and 400~ A1/AIN (58.6vot% A1N) exhibited a 
higher tensile strength than A1/SiC (55.0 vol% SIC). 
Table VII shows the tensile ductility at 22, 200, 300 
and 400 ~ The ductility of A1/A1N increased with 
increasing temperature, while that of A1/SiC essen- 
tially did not change with temperature. 

The degradation of the tensile properties of A1/SiC 
upon heating is due to the reaction between alumi- 
nium and SiC. This reaction can be diminished by 
using an aluminium alloy matrix that contains silicon. 
Thus, the AI-20Si-5Mg alloy was used for fabricating 
both SiC and A1N composites. The tensile properties 
of the resulting composites in the as-cast state and 
after heating in air at 500 ~ for 480 h are shown in 
Table VIII. A heating temperature of 500 ~ was used 
for AI-20Si-5Mg matrix composites while a heating 
temperature up to 600~ was used for aluminium 
matrix composites because of the lower melting tem- 
perature of A1-20Si-5Mg compared to aluminium, 
Table VIII shows that the tensile strength, modulus 
and ductility of both A1-20Si-5Mg/A1N and 
AI-20Si-5Mg/SiC did not change after heating at 
500 ~ for 480 h. This means that 20 wt % Si in the 
aluminium alloy matrix was sufficient to suppress the 
reaction between aluminium and SiC in the SiC com- 
posite. However, comparison of Tables V and VIII 
shows that the use of AI-20Si-5Mg instead of alumi- 
nium as the matrix resulted in a decrease of the tensile 

TABLE VII The tensile ductility" of AI/A1N and A|/SiC com- 
posites at various temperatures 

Vol fraction Tensile ductility (%) 

22 ~ 200 ~ 300 ~ 400 ~ 

0 22.8 (1.9) 24.1 (3.8) . . . .  
55,0% SiC 0.7 (0,3) - 0.6 (0.2) 0,9 (0.3) 
58.6% A1N 1.1 (0A) - 2.3 (0.5) 2.6 (0,3) 
63.3% AIN 1.0 (0.2) 1.3 (0.3) 2,2 (0,2) 2.5 (0.4) 

Standard deviation shown in parantheses, Fig~#'e 13 Relative strength ratio of A1/AIN (62.0 vol % A1N~, A1/ 
SiC (55.0 vol% SiC) and A1/A1203 (61.4 vol% AI2Oa) after heat 
treatment at 600~ for 10 or 20 days. 

TABLE VI The tensile strengths ~ of AI/A1N and A1/SiC at vari- 
ous temperatures 

TABLE VIII  Effect of heating on the tensile properties" of 
AI-20Si-5Mg/AIN (58 vol% A1N) and AI-20Si-5Mg/SiC 
(55 vot% SiC) 

Vol fraction Tensile strength (MPa) 

22 ~ 200 ~ 300 ~ 400 ~ 

0 72.7 (1.!) 52,8 (2.5) 25.5 (0.5) 7.3 (0.3) 
55.0% SiC 313.0 (37.5) - 209.0 (32.3) 149.5 (9.1) 
58.6% AIN 300.9 (25.2) 277.7 (23.7) 266.9 (20.1) 197.5 (8.1) 
63.3% A1N 406.3 (33.9) 375.8 (34.5) 312.9 (14.2) 218.9 (15.5) 

Standard deviation shown in parantheses. 

As-cast 500 ~ 480 h 

Strength (MPa) A1-20Si-5Mg/AIN 225.4 (10.8) 225.4 (17.2) 
A1-20Si-5Mg/SiC 215.4 (20.0) 216.2 (14.1) 

Modulus (GPa) AI-20Si-5Mg/AIN 164.2 (3,7) 163.9 (2.1) 
At-20Si-5Mg/SiC 182.5 (11.4) 184.7 (12.4) 

Ductility (%) AI-20Si-5Mg/AIN 0.2 (0.1) 0.2 (0.1) 
AI-20Si-5Mg/SiC 0.2 (0.1 0.2 (0.1) 

" Standard deviation shown in parentheses. 
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strength and ductility in the as-cast state by 30% and 
70%, respectively. Therefore, the use of a silicon- 
containing aluminium alloy matrix is not a good 
solution to the problem due to the reaction between 
aluminium and SiC. A better solution is the use of 
aluminium as the matrix and A1N instead of SiC as the 
reinforcement. 

2.2.3. Fractography 
Room-temperature tensile fracture surfaces are shown 
in Fig. 14 for A1/A1N (58.6 vol% A1N) and AI/SiC 
(55.0vo1% SIC). Both fracture surfaces exhibited 
cleavage surfaces of the filler particles and micro- 
dimples in the aluminium matrix, but the proportion 
of cleavage surfaces is lower in A1/A1N than in A1/SiC, 
indicating higher ductility in AI/A1N. Moreover, no 
particle pull-out was observed in A1/A1N, whereas 
particle pull-out was observed in A1/SiC, as shown by 
the SiC particle (~  5 gm in size) located in the lower 
half of the A1/SiC photograph in Fig. 14. This indic- 
ates stronger bonding between aluminium and A1N 
than between aluminium and SiC. Note the presence 
of typical serratic fracture surfaces in the SiC particles 
in Fig. 14. The 6061/A1N and A1-5Mg/A1N com- 
posites exhibited similar fracture surfaces as A1/A1N. 
In contrast, A1/A1203 exhibited fewer but coarser 
microdimples and little particle cleavage (Fig. 15). 
Small clusters of A120 3 particles were observed from 
the fracture surface. They are due to incomplete infilt- 
ration and result in a poor tensile strength. Small 
pores were also observed in the fracture surface. 

Fig. 16 shows the fracture surfaces of 
A1-20Si-5Mg/A1N (57.9 vol% A1N) and AI-20Si- 
5Mg/SiC (55.0 vol % SIC). Both composites exhibited 

Figure 15 Scanning electron micrographs of the tensile fracture 
surface of A1/AI203 (61.4 vol%) tested at room temperature. 

Figure 14 Scanning electron micrographs of the tensile fracture 
surfaces of (a) AI/A1N (58.6 vol% A1N) and (b) A1/SiC (55.0 vol% 
SiC) tested at room temperature. 
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Figure 16 Scanning electron micrographs of the tensile fracture 
surfaces of Al-20Si-5Mg/A1N (57.9vo1% A1N) and Al-20Si- 
5Mg/SiC (55 vol% SIC). Both composites show a combination of 
completely brittle fracture regions and brittle-ductile fracture 
regions. 



a combination of completely brittle fracture regions 
and brittle-ductile fracture regions. In the 
brittle-ductile fracture regions, as shown at a high 
magnification in Fig. 17, both composites had similar 
fracture surfaces, showing filler particle cleavage and 
microdimples in the matrix. No particle pull-out was 
found in either composite, indicating good bonding in 
both composites. Such a brittle-ductile fracture region 
was similar to that in A1/A1N or A1/SiC. 

The completely brittle fracture regions in both com- 
posites were attributed to silicon precipitates and 
ternary A1-Si-Fe precipitates. These precipitates were 
as large as 300 gin. As shown in Fig. 18, no matrix 
microdimple was found in the completely brittle frac- 
ture regions of both composites. Cleavage existed in 
both matrix and particulate fillers. A crack was found 
in A1-20Si-5Mg/A1N to go around the AIN particles 
(Fig. 18a), but no such crack was found in A1/A1N 
(Fig. 14), indicating weaker bonding between the ma- 
trix and A1N in A1-20Si-5Mg/A1N than A1/A1N. 

Figure 18 Scanning electron micrographs of At 20Si-5Mg/AIN 
(57.9 vol% A1N) and AI-20Si 5Mg/SiC (55 vol% SiC) in the com- 
pletely brittle fracture regions. 

Figure 17 Scanning electron micrographs of AI-20Si-5Mg/A1N 
(57.9vo1% AIN) and A1-20Si--5Mg/SiC (55vo1% SiC) in the 
brittle-ductile fracture regions. 

Both A1/A1N and A1/SiC composite specimens were 
cut from the infiltrated preforms to remove the excess 
aluminium surrounding the composite cylinder and 
then heated in air at 600 ~ for 10 or 20 days. A1/A1N 
of both heat-treatment conditions (Fig. 19b and c, 
respectively) exhibited a combination of both ductile 
and brittle fracture microstructures, which are similar 
to those of as-cast A1/A1N (Fig. 19a). However, the size 
of the A1N particle cleavage facets increased with 
increasing heating time at 600 ~ (0 days for Fig. 19a, 
t0 days for Fig. 19b, and 20 days for Fig. 1%). This 
-may be ascribed to the damage of the A1N particles 
and interfaces due to heating. Larger ceramic particles 
which have more probability of having flaws are more 
likely to weaken because of heating. On the other 
hand, the A1/SiC composites that had been similarly 
heated exhibited hillocks ( ~  t mm diameter and 
0.5 mm high) on the composite surface, because at 
600~ the silicon-containing aluminium matrix re- 
gions melted. The silicon-containing aluminium melt 
migrated from the interior to the outer surfaces, as 
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Figure 19 Scanning electron micrographs of the tensile fracture 
surfaces of A1/AIN (62.0 vol % A1N). (a) As-cast, (b) after heating at 
600~ for 10 days, (c) after heating at 600~ for 20 days. 

confirmed by X-ray diffraction and differential scan- 
ning calorimetry [23]. N o  hillock was observed on 
AI/A1N specimens after heating. A1/SiC of both heat- 
t reatment  conditions essentially showed the same 
brittle fracture microstructure compared  to as-cast 
A1/SiC. 

Fig. 20 shows the fracture surfaces of A1/A1N 
(58.6 vol % A1N) and A1/SiC (55 vol % SiC) at 300 and 
400~ The fracture surfaces of both A1/A1N and 
A1/SiC at 300 ~ (Fig. 20) are similar to those of the 
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Figure 20 Scanning electron micrographs of the tensile fracture 
surfaces of (a, b) A1/SiC (55.0vo1% SiC) and (c, d) A1/A1N 
(58.6 vol % AIN) tested at elevated temperatures: (a, c) 300 ~ (b, d) 
400 ~ 



corresponding composite at room temperature 
(Fig. 14), but the fracture surfaces at 400~ show 
much larger proportions of aluminium microdimples 
(relative to the particle cleavage surfaces) than those at 
300 ~ This indicates that the matrix was much more 
plastic at 400 ~ than at 300 ~ for both composites. 
Compared with the fracture surfaces of A1/SiC at 300 
and 400~ A1/A1N exhibited more matrix micro- 
dimples at each temperature, indicating larger ductil- 
ity for A1/A1N. Furthermore, A1/SiC at 400 ~ showed 
decohesion between SiC particles and the matrix (fea- 
ture in the lower right portion of the photograph in 
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Figure 21 Typical curves of fractional expansion versus temper- 
ature for aluminium and A1/AIN of various A1N volume fractions in 
the temperature range 35 350~ (a) All70.1, (b) 55 vol% A1N, 
(c) 63 vol % A1N, (d) 69 vol % A1N. 

Fig. 20 for A1/SiC at 400 ~ for example), again indic- 
ating weak interfacial bonding in A1/SiC. 

2.2.4. Thermal expansion 
The values of the coefficient of thermal expansion 
(CTE) of A1N, SiC, and A120 3 composites were meas- 
ured using a Perkin-Elmer DMA7 thermal mechan- 
ical analyser operated at a heating rate of 5 ~ min-  1 
and a helium flow of 20 cm 3 min-  1. The temperature 
was scanned from 35-350~ Prior to the measure- 
ment, the specimens were annealed in air at 324 ~ for 
3 h and then furnace cooled. Three specimens of each 
type were tested. Fig. 21 shows the fractional ex- 
pansion versus temperature curves of aluminium and 
A1/A1N of various A1N volume fractions in the tem- 
perature range 35-350~ The CTE (slope of the 
curve) decreased with increasingA1N volume fraction. 
Table IX shows the mean CTE values in various 
temperature ranges for the aluminium alloy matrices 
of 170.1, 6061, 413.1, A1 20Si-5Mg and A1 40Si-  
1Mg and for the A1N composites. The CTE of the 
matrix as well as the composites decreased with the 
increasing silicon content. Fig. 22 shows the CTE as a 
function of the silicon content for the matrix as well as 
the AIN and SiC composites. The CTE of the matrix 
decreased linearly with increasing silicon content. 
However, no such tinearity was found in the A1N or 
SiC composites. The CTE of the AIN composites was 
slightly lower than that of SiC composites for the 
170.1 matrix and more clearly for the A1 20Si-5Mg 
matrix. Fig. 23 shows the typical expansion curves of 
the matrices and of the corresponding composites 
containing 55 vol% A1N or SiC. Fig. 24 shows the 
comparison between the measured and calculated val- 
ues of the mean CTE at 35-100~ (Fig. 24a) and 
35-350 ~ (Fig. 24b) for the matrices 170.1 and 6061. 
At 35-100~ the measured values were close to the 

T A B L E  IX The mean coefficient of thermal expansion" of AlN composites in various temperature ranges 

AI matrix Vol% CTE (10 -6 ~ 1) 

35-100 ~ 35-200 ~ 35-300 ~ 35-350 ~ 

170.1 0 22.71 (0.35) 
55.0 9.81 (0.21) 
58.6 9.76 (0.19) 
61.5 9.38 (0.29) 
63.0 8.92 (0.19) 
69.0 8.48 (0.14) 

6061 0 22.02 (0.19) 
54.6 10.16 (0.47) 
62.0 8.32 (0.08) 

413.1 0 19.20 (0.45) 
57.9 7.87 (0.57) 

A1-20Si-5Mg 0 16.63 (1.10) 
57.9 7.10 (0.09) 

A1 40Si- lMg 0 14.40 (0.26) 
54.4 6.74 (0.20) 

AI-40Si- IMg 0 12.43 (0.21) 
(refined) b 55.0 6.41 (0.50) 

24.26 (0.21) 24.81 (0.18) 25.15 (0.36) 
10.77 (0.10) 11.75 (0.12) 11.81 (0.33) 
10.60 (0.04) 11.55 (0.04) 11.71 (0.40) 
10.15 (0.37) 10.85 (0.01) 11.54 (0.31) 
9.88 (0.04) 10.54 (0.05) 11.13 (0.41) 
9.60 (0.03) 10.02 (0.09) 10.30 (0.06) 

23.76 (0.53) 24.36 (0.11) 24.69 (0.27) 
11.14 (0.11) 12.21 (0.20) 12.44 (0.23) 
9.90 (0.18) 10.40 (0.20) 10.57 (0.15) 

20.43 (0.12) 21.48 (0.30) 22.66 (0.15) 
8.90 (0.19) 9.53 (0.03) 9.79 (0.04) 

17.84 (0.74) 19.69 (0.38) 20.47 (0.08) 
8.18 (0.55) 9.08 (0.35) 9.52 (0.18) 

15.61 (0.10) 15.78 (0.22) 15.60 (0.30) 
7.90 (0.32) 8.62 (0.40) 8.85 (0.56) 

13.28 (0.33) 14.09 (0.23) 13.94 (0.28) 
7.75 (0.34) 8.21 (0.40) 8.56 (0.61) 

a Standard deviation shown in parentheses. 
b Refined with phosphorus. 
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Figure 23 The typical curves of fractional expansion versus temper- 
ature of various matrices and the resulting A1N and SiC composites�9 
A1-20Si-5Mg/SiC had a larger CTE compared to A1-20Si- 
5Mg/A1N. (a) All70.1, (b) A1-20Si-5Mg, (c) A1MOSi-IMg, (d) A1/ 
A1N, (e) A1-20Si-5Mg/SiC, (f) AI-20Si-5Mg/A1N, (g) A1--40Si-1Mg/ 
A1N. 

calculated values based on Kerner's model [24]. How- 
ever at 35-350 ~ the measured values were between 
the predictions of the Rule of Mixtures (ROM) and 
Kerner's model. The measured CTE values for both 
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temperature ranges were far from the calculated val- 
ues based on Turner's model [253. 

2.2. 5. High- temperature mechanical 
deformation 

The resistance to compressive deformation at a con- 
stant temperature of 525~ and a constant com- 
pressive stress of 0.2 MPa was measured on A1/A1N 
(59 vol % A1N) and A1/SiC (60 vol % SiC) which had 
been first heated from room temperature to 525 ~ at 
a heating rate of 5 ~ rain- 1 Fig. 25 shows the frac- 
tional expansion, as measured by using a thermal 
mechanical analyser (Perkin-Elmer TMA7), during 
the initial period of linear temperature increase and 



the subsequent period (100 min long) of constant tem- 
perature (525 ~ Tile compressive load of 0.2 MPa 
was applied in the direction of the measured sample 
dimension throughout both periods. Fig. 25 shows 
that A1/A1N exhibited a more linear expansion curve 
than A1/SiC during the initial period of linear temper- 
ature increase. During the subsequent period of con- 
stant temperature, A1/A1N expanded, whereas A1/SiC 
shrank. The expansion of A1/A1N is due to the thermal 
expansion toward the equilibrium dimension at 
525 ~ because the sample was not heated infinitely 
slowly from room temperature to 525 ~ The shrin- 
kage of A1/SiC is due to the softening of the matrix and 
the resulting deformation under the applied com- 
pressive stress. The matrix softening is more severe in 
A1/SiC than A1/A1N because of the reaction between 
aluminium and SiC and the resulting AI-Si alloy 
(which has a lower melting temperature than alumi- 
nium) in the matrix. The non-linear expansion curve 
of A1/SiC in the initial period of linear temperature 
increase was such that the expansion of A1/SiC was 
less than A1/A1N at low temperatures and greater than 
A1/A1N at high temperatures. This non-linear behavi- 
our of A1/SiC is again attributed to the reaction 
between aluminium and SiC and the resulting A1-Si 
alloy in the matrix. Thi's reaction was more severe at 
high temperatures. 

The 525 ~ compressive testing showed that A1/A1N 
was more resistant to high-temperature mechanical 
deformation than A1/SiC. 

The superior effect of A1N compared to SiC is due 
to the fact that A1N does not react with aluminium 
whereas SiC does. The reaction of SiC with aluminium 
degrades the bonding between SiC and aluminium, so 
that both the strength and ductility decrease signific- 
antly after heating at 600 ~ Particle decohesion was 
observed from the A1/SiC fracture surface, but not 
from the A1/A1N counterpart. Moreover, fewer micro- 
dimples were observed for A1/SiC than A1/A1N. 

The superior effect of A1N compared to A120 3 is 
due to the greater ease of infiltration of A1N than 
A1203, which resulted from the difference in preform 
morphology and probably in wettability by liquid 
aluminium [263. The same method of preform pre- 
paration was used for A1N, SiC and A120 3. Fig. 26 
shows scanning electron micrographs of the centres of 
SiC and A120 3 preforms. No binder was observed 
distinctly in either SiC or A120 3 preforms. Like the 
A1N preform (as shown in Fig. 4), the SiC preform 
exhibited no particle clustering. In contrast, the A120 3 
preform showed particle clustering throughout the 
preform, such that fine particles were attached to 
larger particles (Fig. 26b). The clustering of the A120 3 
particles was found to occur even in the absence of a 
binder, as shown in Fig. lc. The A120 3 particle 

3 .  D i s c u s s i o n  

This work showed that A1N particles are better than 
SiC or A120 3 particles for providing aluminium- 
matrix composites of high strength, high ductility and 
good high-temperature resistance. 
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Figure 25 Fractional expansion versus time, and temperature ver- 
sus time during the initial period of linear temperature increase from 
room temperature to 525 ~ and the subsequent period of constant 
temperature (525 ~ A compressive stress of 0.2 MPa was applied 
during both periods. The data shown are for A1/A1N (59 vol% A1N) 
and A1/SiC (60 vol % SIC). 

Figure 26 Scanning electron micrographs of(a) SiC and(b) A ] 2 0 3  

preforms. 
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clustering made it difficult for the A120 3 to be com- 
pletely infiltrated, thus resulting in a high porosity and 
inferior mechanical properties of AI/AlzO3 compared 
to A1/A1N and A1/SiC. 

The choice of the aluminium alloy for the matrix of 
AI/A1N is a major factor that affects the strength and 
ductility of the composite. Table X shows the strength 
and ductility of A1N composites in relation to the 
matrix ductility for the aluminium matrices of 170.1, 
6061, A1-5Mg, 413.1 and A1-20Si-5Mg. Except for 
6061, which was heat-treatable (precipitate harden- 
ing), the rest of the matrices were not heat treatable. 
Only the composite in the as-cast (F temper) condition 
was studied. In general, the strength of a composite 
increases with increasing reinforcement volume frac- 
tion up to 30 vol %, as long as the composite displays 
sufficient ductility to reach the maximum strength. At 
a high reinforcement content exceeding 30 vol %, the 
rate of strength increase tends to decrease because the 
composite fails while still in the precipitously rising 
portion of the stress-strain curve. When the matrix of 
the composite does not have the adequate local ductil- 
ity to redistribute the very high regional internal 
stress, the composite fractures before reaching the 
normal ultimate strength. This is the case for the 
aluminium matrices of low ductility. As shown in 
Table X, both Al-12Si and A1-20Si-5Mg matrices 
exhibited ductility less than 3.5% (in contrast to the 
other matrices in Table X) and resulted in A1N com- 
posites of low ductility and low tensile strength. In 
contrast, the aluminium matrices with higher ductility, 
like 170.1 (aluminium), 6061 (AI-I.0Mg-0.7Si) and 
AI-5Mg, resulted in higher ductility and tensile 
strength in the corresponding composites at similar 
AIN volume fractions. This means that the choice of a 
ductile aluminium matrix is a key factor for attaining a 
high ultimate tensile strength in A1N composites at the 
high A1N volume fraction. 

Among A1N composites having a similar volume 
fraction of AIN, 6061/A1N exhibited the highest 
strength (e.g. 491.1 MPa for an as-cast 58.1vo1% 
6061/A1N composite, Table IV), followed by 
A1-5Mg/A1N (e.g. 465.2 MPa for an as-cast 60 vol% 
A1-5Mg/A1N composite, Fig. 12a and then pure A1/ 
A1N (e.g. 300.9 MPa for an as-cast 58.6 vol % A1/A1N 
composite, Table III). It may be attributed to the 
higher matrix strength and the stronger interface in 

the former two A1N composites due to the presence of 
magnesium and its resulting precipitates. The increase 
in flow stress of the former two composites pre- 
sumably reflects the incremental effects of dislocation 
interaction with the aluminium alloy's precipitates. 
From the A1-Mg phase diagram, A1-5Mg is not heat 
treatable, but can be dispersion strengthened upon 
slow cooling. The Mg2Si precipitate might be pro- 
duced in 6061/A1N upon slow cooling in the presence 
of ample A1N, even without artificial ageing. The 
greater dislocation density in the former two com- 
posites caused these two composites higher flow stres- 
ses for deformation, thus resulting in higher tensile 
strengths for these composites. On the other hand, 
A1N composites of all three matrices exhibited a sim- 
ilar ductility of about 1% and the same fracture 
morphology. 

Based on the H-S model, the calculated moduli of 
6061/AIN (58.1 vol%) and A1-5Mg/A1N (60.0 vol%) 
are 157.9 and 162.7 GPa, respectively. (The moduli of 
both matrices are 70.2 GPa.) That the calculated 
moduli and the measured moduli in Fig. 12b and 
Table V are similar indicates the validity of the H-S 
model for describing the modulus of AI/A1N with 
various aluminium matrices. 

The modulus of A1/A1N is independent of heat 
treatments (whether T6 or heating at 600 ~ 10 or 
20 days). This implies that precipitation strengthening 
or interface degradation, if any, will not change the 
modulus of the composite. The modulus of a sound 
AIN composite is also independent of the infiltration 
pressure used during fabrication. 

The absence of an interfacial reaction between alu- 
minium and A1N allowed AI/A1N to have a higher 
resistance to thermal degradation compared to A1/ 
SiC. As shown in Fig. 13, A1/A1N (62 vol %) annealed 
at 600 ~ for 480 h exhibited a 10% reduction of the 
room-temperature tensile strength, whereas M/SiC 
(55 vol %) similarly heat treated showed a 26% reduc- 
tion of the room-temperature tensile strength. The 
superior high-temperature resistance of AI/A1N com- 
pared to A1/SiC is also indicated by compressive 
testing (deformation versus time) at a constant tem- 
perature of 525 ~ and a constant stress of 0.2 MPa. 
Regardless of interracial reactions, the reduction in 
strength of the extensively annealed A1/A1N was ex- 
pected due to thermally activated flow processes and 

T A B L E  X The effect of matrix ductility on the tensile strength of A1N composites 

A1N vol % A1 matrix 

Major alloying Ductility (%)" 
element(s) 

Composite 

Strength (MPa) ~ Ductility (%) 

58.6 40 
61.5 40 
60.0 5 Mg 10-35 
58.I 1.0 Mg, 0.7 Si 12-.25 
57,9 12 Si 3,5 
57.9 20 Si, 5 Mg < 3 

300.9 (25,2) 
385.8 (23.9) 
465.2 (10.7) 
491.1 (21.0) 
233.1 (25.3) 
225.4 (10.8) 

1.0 
1.1 
1.0 
1.0 
0.3 
0.2 

"From [27]. 
b Standard deviation shown in parentheses. 
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void (or defects) nucleation and growth at 600~ 
Both would cause degradation in the AI-AIN inter- 
face and/or thermal damage in A1N itself. The little 
difference in the fracture surface morphology of A1/ 
A1N before and after the heat treatment is consistent 
with the small effect of the heating on the tensile 
strength of A1/A1N. On the other hand, the ductility of 
A1/A1N decreased and the size of the A1N particle 
cleavage facets increased with increasing heating time 
at 600 ~ 

Although A120 3 is not reactive with aluminium, 
A1/A1203 exhibited the largest strength and ductility 
reduction due to the heating at 600 ~ It is due to the 
fact that, under the same fabrication conditions, the 
AI/AI20 3 composite was not well-infiltrated due to 
the high resistance to wetting between aluminium and 
A120 3, The smal! non-infiltrated A1203 clusters in the 
composite caused A1/AI/O3 to be more prone to 
thermal degradation compared to A1/AtN or AI/SiC. 

The A1/SiC (55.0 vol%) in this work exhibited a 
tensile strength of about 150 MPa at 400~ which 
was 30 MPa higher than that of 2124/SIC (20 wt %), 
also at 400~ [10]. It had been observed [9] that 
1100/SIC/20%, 2124/SIC/20% and unreinforced 2124 
reached a nearly identical strength of 70 MPa at 
400 ~ The difference between the present study and 
previous reports [9, 10] may be ascribed to the higher 
volume fraction of reinforcement used in this work. 
The improvement of the mechanical properties of 
metal-matrix composites depends on the reinforce- 
ment strength, the matrix shear strength and how well 
the matrix can transfer load to the reinforcement via a 
strong interface. Assuming a perfect interface, a gen- 
eral equation relating the maximum stress transferred 
from the matrix to a fibre can be expressed as 

(re = 2"C m I/d (t) 

where cy t, is the fibre stress, z~ is the matrix shear 
strength, d is the fibre diameter and l is the fibre length. 

As the matrix shear strength is reduced at elevated 
temperatures, less load can be transferred to the fibres, 
resulting in a lower composite tensile strength. This 
model holds true for most composites in the range of 
15-30 vol %. As a higher volume fraction of fine par- 
ticles causes a smaller interparticle spacing, a disloc- 
ation model related to the plastic strain generated 
near particles by mismatch in thermal expansion coef- 
ficients would lead to an Orowan-type relation. 
Hence, more resistance to plastic deformation in the 
composite would be obtained at 400 ~ compared to 
what is expected from Equation 1, though the inter- 
facial shear strength, which can be assumed to be the 
yielding shear stress of the matrix, decreases with 
increasing temperature. 

Although the addition of 7 wt % or more silicon in 
the matrix could prevent the A1-SiC reaction during 
the fabrication of A1/SiC [28], it also decreased the 
matrix ductility which, in turn, decreased the tensile 
strength of the resulting composites. As shown in 
Table VIII, both AI-20Si-5Mg/A1N and AI-20Si- 
5Mg/SiC exhibited similar strength, modulus and 
ductility before and after heat treatment at 500 ~ for 
480 h. This indicates that the SiC composite attained 

similar mechanical properties as the A1N composite 
provided that little or no A1-SiC interracial reaction 
occurred. The A1-SiC reaction was not aggravated 
during heating at 500 ~ for 480 h, if A1-20Si-5Mg 
instead of aluminium was used as the matrix. Because 
a ductile matrix is critical for obtaining high strength 
in a composite having a high volume fraction of the 
reinforcement, a matrix like pure aluminium with 
ductility up to 50% is attractive, even though, in this 
case, the A1-SiC reaction cannot be avoided and 
results in mechanical property degradation at elevated 
temperatures. An A1-Si alloy matrix of lower ductility 
than pure aluminium can avoid the AI-SiC reaction, 
but it causes significant decreases in the strength and 
ductility of the composite, even in the as-cast state. 

The A1/A1N (58.6%) composite had higher 
strengths at 300 and 400 ~ than the A1/SiC (55.0%) 
composite. This could be ascribed to the brittle inter- 
face formed in AI/SiC and the fact that a fraction of 
SiC was reacted away. 

At 400 ~ less cleavage of the reinforcement par- 
ticles was observed due to the softened matrix. Very 
high local stresses within the SiC or A1N particles need 
to be achieved before particle fracture occurs. This can 
only be obtained in the presence of a strong matrix. 

The CTE of the atuminium-matrix composites can 
be decreased by increasing the volume fraction of the 
reinforcement and increasing the silicon content of the 
aluminium matrix. Although the range of filler volume 
fraction was narrow, the CTE values of A1/A1N were 
found to lie in between the predictions of the Rule of 
Mixtures and Kerner's model. The CTE of the matrix 
decreased linearly with increasing silicon content up 
to 40 wt %, whereas the CTE of both A1N and SiC 
composites decreased significantly with increasing sili- 
con content up to about 12 wt % only. It was also 
found that the addition of a phosphorus refiner de- 
creased the CTE of A1-40Si-IMg from 14.40 x 10  - 6  

to 12.43 x l 0  - 6  ~  1, but decreased the CTE of the 
resulting A1-40Si-IMg/A1N composite only slightly. 
Metaltography showed that the morphology of 
A1-40Si-IMg/A1N was the same before and after the 
use of the refiner. 

4. Conclus ion  
1. A1/A1N had a higher tensile strength and a higher 

tensile ductility than A1/SiC of a similar filler volume 
fraction at 400 ~ or at room temperature after hea- 
ting at 600 ~ A1/AlzO 3 had an even lower strength 
and a smaller ductility than A1/SiC of a similar filler 
volume fraction at room temperature after heating at 
600 ~ 

2. A1/A1N had greater resistance to compressive 
deformation at 525 ~ than At/SiC. 

3. The curve of the fractional expansion versus 
temperature (from room temperature to 525 ~ was 
linear for A1/A1N, but concave upward for A1/SiC, so 
that the fractional expansion was larger for A1/A1N 
than A1/SiC at low temperatures (below 450 ~ for a 
heating rate of 5 ~ rain 1) and smaller for A1/A1N 
than A1/SiC at high temperatures (above 450 ~ for a 
heating rate of 5 ~ rain- 1 ). 
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4. AIN in the amount of 69 vol% decreased the 
CTE of aluminium from 25.2x10 -6 to 10.3 
• 1 0 - 6  o C - 1. The CTE decrease agrees quite well with 
that predicted by the Rule of Mixtures at high filler 
volume fractions. The addition of 40 wt % Si into the 
aluminium matrix decreased the CTE of A1-40Si- 
1Mg/A1N (57vo1% AIN) to 6.41x10-6~ -1 at 
35-I00~ and 8.85 x 10 - 6  c~C-I at 35-350~ 

5. An infiltration pressure of up to 6000p.s.i. 
(41 MPa) was needed for the fabrication of a sound 
A1/A1N composite. The resulting porosity was less 
than 1.4%. The AI-5Mg alloy as the matrix required 
less infiltration pressure than the case of pure alumi- 
nium as the matrix. Magnesium probably caused an 
increase in the wettability of A1N, thereby resulting in 
stronger bonding at the interface. 

6. For the 6061 A1 alloy as the matrix, the T6 heat 
treatment strengthened the composite containing 
58 vol % A1N by only 5%, compared to 107% for the 
matrix by itself. However, it gave the highest tensile 
strength among the three matrices used, i.e. pure 
aluminium, A1-5Mg and 6061. 

7. The filler-matrix interface was more brittle in 
A1/SiC than in A1/A1N. The unreactive nature of A1N 
with aluminium resulted in a more ductile interface, as 
shown by a combination of locally ductile and brittle 
fracture morphology for A1/A1N. In contrast, the 
formation of AlgC 3 and silicon due to the reaction 
between aluminium and SiC deteriorated both the SiC 
particles and the interface. Although A1203 is not 
reactive with aluminium, insufficient infiltration of 
A120 a resulted in the lowest strength and ductility 
among AI/AlzO3, A1/SiC and AI/A1N. 

8. The addition of A1N or AlzO3 increased the 
modulus of aluminium in accordance with the model 
of Hashin and Shtrikman (H-S), but the SiC addition 
increased the modulus of aluminium by an amount 
that exceeded the prediction of H-S. This is due to the 
large aspect ratio of the SiC particles. 
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